The corrosion resistances of a number of tempered states of two Cr-Mo low-alloy steels, the novel "HT10″ (martensitic) and the commercial ASTM A182 grade "F22″ (bainitic), were evaluated in CO 2 -saturated brine. The tempering heat treatments soften both steels, due to a decrease in dislocation density, and the precipitation of alloy carbides, but also decrease their uniform corrosion rates. Such a decrease is considerable if the steels are tempered at higher temperature for longer time. For the novel HT10, we discuss how the tempering-induced changes to the microstructure contribute to decreasing the cathodic reaction kinetics, and thus the general corrosion rate.
Introduction
As the oil and gas industry seeks out deepwater resources, new lowalloy steels are required to cope with extreme temperatures, pressures, solution chemistries and mechanical stresses [1] . Although structural criteria such as strength and toughness are emphasised during component design, these steels must have an acceptable resistance to general and localised corrosion [2] , whilst retaining their integrity against hydrogen embrittlement [3] . One of the most predominant forms of corrosion encountered during oil and gas production is caused by the action of dissolved CO 2 , in water-containing hydrocarbon fluids, on the internal surfaces of steel components [4, 5] . The general CO 2 corrosion resistance of carbon/low-alloy steel is a function of its composition, thermo-mechanical history and resulting microstructure, as addressed in Refs [6] [7] [8] [9] . For a given composition, the nature of the microstructure (e.g. bainite, ferrite-pearlite), its stress state, corrosion scaling response and the shape, size and distribution of the primary carbide phase cementite (Fe 3 C) are typically what determine uniform steel corrosion in CO 2 media [6] [7] [8] [9] . Dispersed cementite, for instance, is suggested to create microscopic galvanic cells with the iron matrix throughout the microstructure, modifying the interfacial redox corrosion kinetics [10] .
Regardless, mitigation strategies against CO 2 corrosion of steel in oil and gas applications most often comprise appropriate material selection [11, 12] , and corrosion inhibition practices [13, 14] . Low-carbon steels with appropriate corrosion inhibition is a common approach, although the problematic scale formation on steel surfaces, during production, can influence the efficiency of chemical corrosion inhibitors [14] . Since corrosion resistant alloys are prohibitively expensive, the use of lowcarbon steels with minor Cr additions (1-5 wt%) is an attractive proposition to minimise the CO 2 corrosion threat [15] [16] [17] [18] [19] [20] , with greater resistance afforded by a higher Cr content [16] [17] [18] . The resistance against corrosion is attributed to the formation and retention of a thin Cr-enriched film at the alloy/electrolyte interface [21] [22] [23] [24] [25] [26] [27] [28] [29] [30] [31] [32] [33] . One such Cr-containing low carbon steel, "F22″ (ASTM A182), typically containing 2-2.5 wt% Cr, is used widely for forged components in a "quenched and tempered" heat-treated state. Although F22 can be heattreated for higher strength, its susceptibility to failure by hydrogen embrittlement, arising from corrosion or external cathodic protection of the component, may then also be increased [3] . As such, a requirement of an 'economically-viable' high-strength low-alloy steel for oil and gas components, having adequate toughness and improved resistance to hydrogen embrittlement over conventional steels, has driven the design and development of a new Ni-Cr-V-Mo steel designated "HT10″ [34, 35] . This martensitic steel is intrinsically strong after austenitation and quenching, but its good toughness is obtained only after an appropriate tempering 1 heat treatment, as discussed in Ref. [34] .
Having previously evaluated the tensile strengths and Charpy impact toughness of HT10, after a variety of tempering heat treatments [34] , one important property left to assess is corrosion resistance. In this paper, we report on the corrosion performance of HT10 in the same quench-hardened and tempered states used in Ref. [34] , against the "benchmark" of the widely used F22. In doing so, we address a specific gap in the literature on comparing the CO 2 corrosion performance of a variety of slightly different tempered states of the same quench-hardened Cr-Mo low-alloy steels. To achieve this, we use the electrochemical methods of open circuit potentiometry (V oc ), potentiodynamic polarisation and electrochemical impedance spectroscopy (EIS) to measure the corrosion response in CO 2 -saturated simulated oilfield brine at 60°C (pH = 5.4, P total = 1 atm). Complementary substrate characterisation, through scanning electron microscopy (SEM) for imaging and energy dispersive X-ray spectroscopy (EDX) analysis, as well as metallurgical characterisation data included from partner studies of the same research programme [34, 35] , are what support the discussion concerning the acquired electrochemical corrosion data.
Experimental procedure

Materials
Chemical compositions of HT10 and F22 steels are presented in Table 1 . The alloying content in both materials is similar, although HT10 contains additional Ni to improve its low temperature toughness, and higher V and Mo content to encourage alloy carbide precipitation (in favour of cementite). As outlined in Ref. [34] , alloy HT10 is a secondary hardening alloy, i.e. one where the base material is austenitised, quenched and tempered to produce (Mo,V,Cr)-rich carbide precipitates dispersed throughout the microstructure [36] . In addition to the resulting grain structure, it is the dispersion of these precipitates that is expected to provide HT10 with improvements to its tensile strength and hydrogen trapping capacity [36] . In the current work, HT10 and F22 samples were provided for corrosion studies after a variety of quench and temper heat-treatments as detailed in Table 2 . The F22 alloys are described using the key 'F22 -temper heat temperature/time'; the HT10 alloys are described using the key 'A1 or A2' (corresponding to the specific length of austenitation time at 850°C) -temper heat temperature/ time. For instance, an F22 alloy tempered at 700°C for 3.5 h is described as 'F22-700°C/3.5 h; an HT10 alloy austenitised at 850°C for 5.8 h, before being water quenched (WQ) and tempered for 10 h is labelled 'A2-625°C/10 h'.
Methods
Material hardness measurements were determined using a Struers Duramin-600 Vickers hardness tester applying a 30-kg load. For each heat treatment, 5-8 hardness indentations were made at random locations on 2-3 separate material surfaces (ground to 600 grit SiC), from which average hardness values and standard deviation errors were determined.
The corrosion performance of HT10 and F22, as a function of immersion time, was evaluated in CO 2 -saturated simulated oilfield brine (see Table 3 for electrolyte composition) using electrochemical measurements. For this purpose, a 3-electrode setup was employed, using the HT10 or F22 steel sample as the working-electrode, a platinum flag as the counter-electrode and a saturated calomel electrode (SCE) as the reference-electrode. Experiments were carried out on individual working electrodes with a surface area of between1 -1.6 cm 2 exposed to the test electrolyte; all remaining faces and edges were covered with an epoxy resin. The surface of the steel working electrode was abraded with wet SiC paper of increasing grit size (240-4000), followed by rinsing with deionised water/ethanol and drying in a stream of nitrogen gas (99.99% purity N 2 gas was used throughout this work, supplied by the company BOC). For images of the polished substrates prior to immersion, the reader is referred to Fig. A1 in the Supplementary Materials. All electrochemical measurements were performed on samples immersed in a jacketed glass cell located within a nitrogen glove box, using a Solartron Modulab 2100 A potentiostat. The simulated oilfield brine (1 dm   3 ) contained in the cell was kept at a constant temperature (60°C ± 2°C) by circulating heated water through the cell's jacket. The solution was bubbled with CO 2 gas (99.95% purity, from BOC) for a period of 18 h. For further information on electrolyte preparation, details are available in Ref. [37] .
Once ready, the electrolyte pH was measured (always found to be 5.4 ( ± 0.1), and an HT10 or F22 steel working-electrode sample was introduced and left to corrode at its open circuit potential (V oc ) vs. SCE for a period of 30 h. For each heat-treated variant, the corrosion behaviour was evaluated from open circuit potentiometry and hourly electrochemical impedance spectroscopy measurements (100 kHz -50 mHz, ± 10 mV vs. V oc ). At the end of experiment, the electrode was removed from the brine, allowed to dry in the glove box's nitrogen atmosphere, and stored in a vacuum desiccator prior to SEM examination in a Quanta 250 FEG-SEM. The electrolyte pH was measured, and typically found to be 5.4 ( ± 0.1). After initial investigations of the surface, the corrosion products were removed from the surface using Clarke's solution, as per ASTM G1-03 [38] . Subsequently, sample surfaces were re-examined using SEM to probe for any localised corrosion morphology. All 30 h immersion experiments were conducted 2-3 times for each alloy variant, from which standard deviation errors were obtained.
For potentiodynamic polarisation measurements on the same materials, the working-electrodes of which were not used in 30 h immersion tests, the potential was scanned from -0.25 V (vs. V oc ) to +0.35 V (vs. V oc ) at a scan rate of 0.167 mV s −1 after˜15 min of immersion at V oc . These types of tests were conducted twice for each alloy variant. The resulting polarisation curves were used to understand the anodic/ cathodic reaction kinetics of the steels in the CO 2 -sat. brine, by relying on the principles of fundamental electrochemical corrosion kinetics [39] [40] [41] .
Calculations
Charge transfer resistances (R ct ) from impedance data modelling [42] (fitted using the in-built Solartron EIS software) along with the Stern-Geary coefficient (B parameter) from polarisation curves were used to estimate corrosion current density (I corr ) using Eqs. 
B diff control = (β a )/2.303 (2)
Here, β a and β c are the anodic and cathodic Tafel slopes respectively (V decade −1 ), and were examined for each alloy variant from the polarisation curves. It is emphasised that Eq. (1) strictly applies for activation-controlled kinetics, and Eq. (2) may be used to provide an estimate in the case of diffusion-controlled cathodic kinetics [43] , where β c is considered to be infinity. From I corr , corrosion rates (CR) were determined using Eq. (4).
CR (mm/y) = (10 [36] [37] [38] [39] [40] [41] [42] [43] [44] [45] [46] [47] [48] Here, CR is corrosion rate (mm/year), I corr is corrosion current density (A/cm 2 ), K = material specific constant (3.27 × 10 −3 for Fe), E w is the equivalent weight per electron transferred in grams/equivalent (27.92) and ρ is the material density (7.86 g/cm 3 ).
Results
Material hardness
The influence of tempering temperature and time on F22 and HT10 hardness is shown in Fig. 1 . The Vickers hardness decreases from a postquench value of˜360 HV 30 dependent upon tempering temperature and time. Rather consistent with the literature [44, 45] , we note that it is the tempering temperature that has a more profound effect on decreasing steel hardness. For instance, the decrease in HT10 hardness after 10 h tempering at 625°C (decrease from 361 to 265 HV 30 , loss of 35%), is considerably greater than after tempering for the same period of time at 600°C (from 361 to 315 HV 30 , loss of 12%). Indeed, the tempering of water-quenched F22 for˜4 h ± 0.5 h at 700°C softens the steel to a far greater extent than a temper at 580°C for a similar time exposure.
Material microstructures
Example SEM micrographs (after 2% Nital etching) for as-quenched and quenched and tempered (Q&T) F22, and Q&T HT10 are provided in Fig. 2 . The quench-hardened F22 ( Fig. 2(a) , F22WQ) presents a bainitic microstructure, with elongated cementite (Fe 3 C) precipitates. A Q&T F22 (Fig. 2(b) ), F22-700°C/3.5 h) shows a tempered bainite microstructure with dispersed Fe 3 C in the matrix; spherical Fe 3 C precipitates are observed within, and in between, the ferrite plates.
Representative microstructures of two different Q&T heat treatments applied to HT10 are presented in Fig. 2(c-d) . Both show tempered martensite, comprising dispersed precipitates, whose nature and chemistry using transmission electron microscopy and synchrotron Xray diffraction are confirmed elsewhere [34, 35] . The larger spherical precipitates are γ MC type (M = V,Mo,Cr) that form during austenitisation at 850°C, while the finer precipitates are a distribution of α MC (V-rich) and α M 2 C (Mo-rich) type that develop during tempering. Note: a smaller number of larger, spherical γMC-type precipitates (i.e. those formed during austenitisation) were identified in the HT10 A2-625°C microstructures, and the converse in A1-600°C. The key difference between these two variants is that' A2′ HT10 alloy samples were austenitised at 850°C for 5.8 h, whereas' A1′ HT10 samples were austenitised at the same temperature for only 3.5 h. All the carbide precipitates were observed within martensite laths and at lath/grain boundaries, and appear well distributed throughout the microstructure. For more details on precipitate characteristics, the reader is referred to [34, 35] .
3.3. Electrochemical immersion: Polarisation curves in CO 2 -sat. Brine (60°C) Fig. 3(a) show potentiodynamic polarisation curves taken from variants of HT10, as well as F22-580°C/4.5 h. The general shapes for all polarisation curves appear similar, with an activation-controlled and pre-passivation regime evident in the anodic reaction domain (right side) and a diffusion-controlled regime observed in the cathodic reaction domain (left side). Table 4 lists the parameters extracted from the analysis of polarisation curves. In order to elucidate the results further, the same data in Fig. 3 , within an expected range for an adsorbed CO 2 -assisted iron oxidation mechanism at this pH and temperature [46] [47] [48] . At higher positive overpotential, the slope tends towards 100-120 mV as we enter a pre-passivation range for these alloys Table 3 Chemical composition (C) of simulated oilfield brine used in corrosion experiments.
Ion Na in this CO 2 -saturated medium [48] .
Considering the cathodic regime, we note that the anodic reverse reaction, the activation-controlled and mixed activation-diffusion controlled contributions are all contained within a very small 50 mV range away from the open circuit potential in these static electrolytes [49] , and no linearity is obtained. Therefore, activation-controlled Tafel kinetics cannot apply. In a higher overpotential region (from -50 to -150 mV), as diffusion-controlled reaction kinetics become predominant, the cathodic curves shift slightly towards lower current density values as a function of tempering time. This is made clear in the magnified insets in Fig. 3 (b-c). It suggests that those HT10 alloys that were tempered for longer tend to present a decrease in their cathodic reaction kinetics.
During polarisation curve analysis, I corr values have been estimated from the intersection of the partial anodic and cathodic current density slopes presented in Fig. 3 (b-c). The slopes in the cathodic overpotential range extend beyond 400 mV decade −1 , far higher than activationcontrolled proton reduction (120 mV decade −1 ) [49] , and convey that the reaction mechanism comes under diffusion-control. Under a diffusion-limited current density, the mass transport of the participating electroactive species (e.g. CO 2 (aq) and H + (aq)) determines the corrosion reaction rate. In such a case, the corrosion current density is a function of the limiting current density of the cathodic partial reaction [50] . This is described in Eq. (5).
Here, n = number of moles of electrons involved in the cathodic charge transfer reaction, F is the Faraday (96,485 C mol ), C b is the bulk concentration of the electroactive species (mol), and δ is the thickness of the diffusion layer (cm). On the basis of this discussion, the B parameter to calculate corrosion rates is determined using Eq. (2), i.e assuming cathodic diffusion-controlled cathodic kinetics. Taken as an average from the anodic Tafel results presented in Table 4 , the Eq. (2) calculation results in B = 28 mV decade −1 . We stress that our choice of the B coefficient does not impact upon the general corrosion trend as a function of tempering, which is the main focus of this study. An estimate of cathodic limiting current density (I lim,c ) at an overpotential of -0.125 V is also included in Table 4 , to serve as a comparative basis of Q &T alloy performance later in the discussion.
Electrochemical immersion: 30 h exposures in CO 2 -sat. Brine (60°C)
3.4.1. Electrochemical impedance spectroscopy Fig. 4 (a-c) show Nyquist impedance plots of F22 and HT10 steels with different tempering times, respectively, after immersion in CO 2 -sat. brine (T = 60°C, pH = 5.4) for 30 h. Qualitatively, the impedance spectra from all F22 and HT10 alloy variants depict features that are more or less consistent with each other, and the relevant literature [23, 31, 51] . The Nyquist spectra in Fig. 4 consist of a depressed capacitive arc at high to medium frequencies (at low to medium Z') and a pseudo-inductive (or reverse capacitive) feature at lower frequencies (at high Z'). The capacitive arc could be considered to represent the interfacial capacitance, and is depressed due to frequency dispersion effects resulting from the heterogeneous nature of the corroding surface [52] ; the pseudo-inductive arc at low frequencies is quite possibly due to the response associated with the adsorption of aqueous, electroactive reaction intermediates (e.g. ferrous hydroxide) involved in the corrosion of iron/steel [53] [54] [55] . The equivalent circuit model to fit all the data is presented in Fig. 4(d) . In the equivalent circuit model, R s (Ω cm 2 ) is the electrolyte solution resistance between the working and reference electrode, R ct (Ω cm   2 ) is the charge transfer resistance associated with the corrosion redox kinetics, and the value used during corrosion rate calculations, as per [42] ; Q (Ω −1 cm -2 s n ) is a constant phase element that represents the interfacial capacitance of the electrode, n is the exponent associated with Q, R L (Ω cm 2 ) is a resistance that is associated with the adsorption process of the intermediate species and L (H cm
) is a pseudo-inductive contribution of the adsorbed/ adsorbing intermediate during the EIS period of the alternating voltage cycle. Concerning corrosion rate calculations, a higher capacitive arc diameter signifies a lower corrosion rate. The effective interfacial capacitance (C eff ) was calculated using Q, its exponent n, and the resistance outputs as described in [52] , in Eq. (6), i.e. C eff (μF cm
The results of impedance fitting are presented in Table 5 , and will be discussed in Section 4 in the context of other results. The quench-hardened sample F22WQ exhibits the highest corrosion rate (˜5.4 ( ± 0.8) mm/y). Regarding the Q&T F22 steels, i.e. F22-580°C/4.5 h and F22-700°C/3.5 h, these reach a corrosion rate of 3.8( ± 0.3) mm/y and˜2.9( ± 0.2) mm/y respectively after 5 h exposure, which is maintained throughout the remaining immersion period. Note that the increase in tempering temperature from 580°C to 700°C results in an alloy (F22-700°C/3.5 h) with a lower corrosion rate. Fig. 5 (b) presents average corrosion rate data for HT10 austenitised at 850°C for 3.5 h, Q&T at 600°C (for 0 h, 1 h, 10 h and 24 h). Similarly, Fig. 5 (c) presents corrosion rates for HT10 austenitised at 850°C for 5.8 h, Q&T at 625°C (for 0 h, 1 h, 10 h and 24 h). As observed for F22WQ, the as-quenched HT10 samples also present the highest corrosion rates, which continuously increase throughout the immersion period. With tempering, we always note a relative decrease in corrosion rate with respect to the as-quenched samples. All tempered HT10 samples at both tempering temperatures attain a steady corrosion rate by the 7th hour of immersion. For both tempering temperatures, the HT10 samples tempered for longer corrode with decreasing intensity. Moreover, tempering at higher temperature (625°C) confers an improved corrosion resistance. It is highlighted that the corrosion rate profiles of tempered HT10 and F22 fall within a similar range, i.e. between 3.0-4.0 mm/y. Fig. 6 shows the open circuit potential (V oc ) values recorded for the F22 and HT10 alloys over 30 h immersion. Relative to F22, the HT10 variants all have a more noble potential. We expect that a slightly higher Cr content combined with that of˜3% Ni in HT10 is responsible for this higher V oc in HT10 compared to F22, since Ni has a more positive reduction potential with respect to Fe, and serves to ennoble the alloy [56] . Considering only the as-quenched F22 and HT10 alloys, these samples always present the most positive open circuit potentials. The V oc for tempered F22 steels were lower, and showed very little variation throughout the tests, apart from the initial 4-5 h. Alloy F22-700°C/3.5 h experienced the lowest corrosion rates and registered the most negative V oc over the exposure period. The V oc of HT10 alloy variants follow a very similar evolution to each other, i.e. a small initial negative shift is followed by a slow, positive shift at comparable rates. Tempering the alloy, even for 1 h (grey markers), encourages a shift to more negative potential. With longer tempering at both tempering temperatures, more negative (but similar magnitude) open circuit potentials are measured (see purple and green markers in Fig. 6 ). At the end of the 30 h exposure, the difference in open circuit potential between as-quenched HT10 and 24 h-tempered HT10 is approximately + 20 mV.
Corrosion rate evolution
3.5. Substrate analysis after 30 h exposure to CO 2 -sat. Brine (60°C) Fig. 7 presents typical SEM images and EDX spectra of steel surfaces after exposure to CO 2 -sat. brine (T = 60°C, pH = 5.4), with (a) F22-580°C /4.5 h and (b) HT10 A1-600°C/10 h chosen as examples. The corroded surfaces appear representative of Cr-containing steels exposed to CO 2 -sat. brine as typically reported in the literature [12, 22, 24, 26, 27, 29, 30] , where the corrosion product appears cracked and dehydrated after removal from the test electrolyte. As shown in the EDX spectra in Fig. 7(c-d) , appreciable signals from the principal lines of Cr, Mo, Fe and O from corroded F22; and of Cr, Mo, Fe, O, V and Ni from corroded HT10 are detected in the corrosion product of each alloy respectively. These are enhanced relative to their counts measured from polished substrates (see Fig. A1 in the Supplementary Materials for comparison). Additional signatures from C and Ca likely result from some, minor precipitation of a calcium-containing compound (e.g. calcium-ferrous carbonate) [33, 57] . EDX spectra were also taken from regions (gaps) dividing the cracked corrosion product, and a typical result is shown in Fig. 7(d) . The intense signal for Fe from the gap, and the absence of the other signatures from the corresponding EDX spectrum, is comparable to the polished substrate (Fig. A1 in the Supplementary Materials) and appears to come entirely from the steel substrate. Further, to study the possibility of localised corrosion, surface morphologies of samples were examined following the chemical removal of the corrosion product layer using Clarke's solution [38] . Images of these surfaces are presented in Fig. 7 (e-f) for F22-580°C/ 4.5 h and HT10′s A1-600°C/10 h respectively. We note that after corrosion product removal, a corroded F22 bainitic or HT10 martensitic microstructure is revealed. These images appear rather comparable with each other and do not reveal any significant localised corrosion morphology (e.g. pits, fissures or other cavities) under the studied conditions after a 30 h exposure period. Indeed, following a systematic evaluation of all acquired SEM images, and reference to a relevant study [21] , we conclude that only a characteristic uniform corrosion attack is observed from our specimens for this solution chemistry and time exposure. 
Discussion
As-quenched, and tempered alloy performance: Hardness
The high hardness' (˜360 HV 30 ) of water quench-hardened HT10 and of F22, after austenitisation, are the result of different mechanisms. F22WQ (upper bainite) comprises dislocation-rich bainite plates, packed in sheaves; the elongated precipitates of Fe 3 C formed at bainite plate boundaries contribute to hardening (see Fig. 2(a) ) [58] . On the other hand, HT10 consists entirely of dislocation-rich martensite after the rapid cooling from austenite (quench treatment). The high hardening results from carbon trapping within the body centred cubic unit cells, giving rise to a tetragonal strain field that has a very strong interaction with dislocation strain fields [58] . Such as-quenched martensitic microstructures comprise abundant point and line lattice defects [58] .
The tempering of water quenched F22 decreases its hardness, even after a short heat treatment (e.g.˜4 h) in the range 580°C-700°C, as the stored energy in the quench-hardened microstructure is released. Dislocations are annihilated, any retained austenite is decomposed [58] , and carbides (Cementite and M 2 C) are precipitated. With the tempering of HT10, as shown in Ref. [35] from synchrotron X-ray diffraction data, carbon diffuses out of the strained body centred cubic unit cells (a phenomenon referred to as a decrease in tetragonality as the c/a ratio of the lattice parameter decreases). During tempering, the carbon in solid solution first reacts with iron to form cementite, followed by reaction with diffusible Mo, V, Cr solute atoms to form small, abundant and matrix-coherent alloy carbides (Mo, V, Cr) X C precipitates (X = 1 or 2). With tempering, these alloy (Mo, V, Cr) X carbides nucleate in HT10, and begin to coarsen via Ostwald ripening [59] ; simultaneously, the dislocation density begins to decrease [35] . Then, after an optimal period of tempering (for example, 10 h) the alloy would comprise well-dispersed precipitates that are semi-coherent with the matrix in a so-called 'peak-aged' condition. Such a microstructure would offer HT10 a desirable balance of strength and toughness [34] . However, with even longer tempering, one would obtain a lower number density of far coarser carbide precipitates in the material microstructure (over-ageing) [34] . Such carbide dispersion does not contribute significantly to material strength due to a loss of coherency of the carbide precipitates with the matrix; further, with an even lower dislocation density, a softer but tougher alloy is produced [34, 35] . Regarding F22, we expect the post-temper softening is also a result of the decrease in dislocation density and the nucleation and growth of carbides (mainly Fe 3 C, see Fig. 2(a-b) ). For F22-700°C/3.5 h, the extent of carbide coarsening is greatest with the most significant decrease in dislocation density. It explains why this tempered bainite is the softest material amongst all the studied candidates in the present work.
As-quenched, and tempered alloy performance: Corrosion
The tempering phenomena discussed in the previous sub-section are expected to modify corrosion kinetics. Before exploring further, we elaborate upon the Cr-enriched surface corrosion product layer observed on F22 and HT10 since this feature was common to all substrates (see Fig. 7 and Fig. A2 in the appendix) . Cr is more electrochemically active than the matrix Fe [60] , and possesses higher self-passivating capability. After immersion in the corrosive medium, Cr is, thus, expected to dissolve and passivate the base alloy surface through the development of a hydrated chromium oxy(hydroxy) overlayer [56] . We confirm a Cr-enriched overlayer from EDX ( Fig. 7(c-d) ). By comparing our corroded surfaces with those in the reported literature of low Crsteel corrosion in CO 2 -sat. brines [21] [22] [23] [24] [25] [26] [27] [28] [29] [30] [31] [32] [33] , where results from characterisation techniques of cross-sectioning, X-ray diffraction, Raman spectroscopy and TEM/EDX are also reported, we suggest that an amorphous Cr(OH) 3 has most likely developed on the surfaces of HT10 and F22. The CO 2 corrosion resistance of low-carbon steels is reported to improve with Cr content, evidently due to better film qualities such as improved passivation structure, adherence and reduced permeability to electrolytes [12, 23, 31] . Alloys with 2-3 wt% Cr, like HT10 and F22, corrode at rates lower than steels containing no Cr, but higher than those containing 4 wt% Cr and above [16, 17, 21] . Clearly, the wt% of Cr is significant towards improving corrosion resistance.
Further, on reviewing the literature on the CO 2 corrosion performance of different steel microstructures containing the same Cr wt% [6, 22, 25, 31, 61] , some findings are relevant. Mishra et al. found some improvement to CO 2 corrosion resistance for quenched and tempered 2.25 wt% Cr steels tempered at the highest temperature (samples were tempered at 350°C, 400°C and 475°C for 1 h) [6] . Alves et al suggested that the beneficial effect of Cr towards corrosion resistance in steel must rely on Cr being present as a substitutional solute in the matrix [61] , and not 'tied up' as a carbide precipitate [61] . Wu et al. compared the CO 2 corrosion resistance (in 3 wt% NaCl at 60°C and P CO2 = 3 bar) of 1 wt% Cr steel in a Q&T martensite, and a ferrite-pearlite form [25] . They report that a tempered martensite microstructure that comprises Table 4 Extracted potentiodynamic polarisation data for F22 and HT10 steels in CO 2 -sat. brine (T = 60°C, pH = 5.4). [36] [37] [38] [39] [40] [41] [42] [43] [44] [45] [46] [47] [48] dispersed Cr-containing carbides would be relatively depleted in Cr if compared against a ferrite-pearlite microstructure with 'free Cr' in solid solution. For the latter case, they inferred that a relatively more protective surface Cr(OH) 3 could protect a ferrite-pearlite microstructure.
Rather interestingly, such a conclusion was also reported by Li et al. [31] , although they compared an as-quenched martensite with the bainitic and ferritic-pearlitic forms of a 3 wt% Cr steel. In their case, however, the as-quenched martensite (which had no precipitated Crcarbides and all 'free Cr') offered the greatest resistance to corrosion. Their cross-sectional EDX analyses of the metal-electrolyte interface, post-immersion testing, showed that the as-quenched martensite had the highest detectable Cr content. This was inferred to be the primary reason behind greater protection against corrosion.
Referring to the V oc transients (Fig. 6) , we consider that the magnitude of a positive shift in open circuit potential could reflect a level of improved protectiveness of an interfacial/surface film [12, 62] . Such a profile suggests that a mild passivation effect could be in play and that anodic dissolution is marginally retarded. As Qian et al demonstrate [28] , increasing the Cr content (from 0 to 9%) raises the steel's V oc to more positive values. This is largely due to Cr-enrichment of the surface and its retardation of the anodic oxidation reaction of Fe. In our study, by the 30th hour of immersion the as-quenched HT10 and F22 present the highest open circuit potential change (ΔV oc ) from their values at immersion, by + 17 mV ( ± 1 mV). The tempered HT10 variants present ΔV oc of + 10 mV ( ± 4 mV), whereas tempered F22 steels show a ΔV oc , in the negative direction, of −6 mV ( ± 2) mV. As a reminder, the matrix Fe (balance), Mo (˜1%) and Cr (2.2%) are the primary carbide forming elements in F22 [58] . However, for HT10, it is V (0.45 wt%), Mo (1.5 wt%), and Cr (2.5%) that are the predominant carbide formers [35] . Studies within our research programme have confirmed the depletion of Cr, Mo and V from the matrix during tempering [34, 35] , as these elements form MC and M 2 C alloy carbide compound precipitates. We interpret that this is reflected in the ΔV oc data, where relatively Crdepleted alloy surfaces might not produce as strong a positive shift (i.e. passivation effect) over the 30 h immersion period if compared to a surface where the carbide-forming alloying elements are 'free' in the solid solution. Thus, like Li et al. [31] , we hypothesise that the level of Cr-enrichment is greatest in the as-quenched HT10 and as-quenched F22 alloy corrosion product layers, since Cr and Mo are present as substitutional solutes in the matrix. Indeed, one amongst the many suggested roles of alloyed Mo towards its beneficial corrosion resistance relates to encouraging Cr-enrichment of the surface film [63, 64] . With longer tempering, on the other hand, both Cr and Mo are 'lost' to carbide formation; the relative V oc response becomes more negative.
Importantly, however, the magnitude of ΔV oc is always quite small, and the polarisation and EIS data (Figs. 3 and 4) indicate that asquenched alloys suffer the worst corrosion rates, i.e. the i corr values are highest. Related measurements that are worth discussing further are the interfacial capacitance data presented in Table 5 . The C eff (μF cm ) [65] , those of HT10 and as-quenched F22 are peculiarly high. The as-quenched alloys, in particular, exhibit abnormally high capacitances (between 1000-3000 μF cm −2 ) after 30 h corrosion. With tempering, however, decreasing capacitances are recorded. Our estimates decrease from 1150 μF cm −2 to 230 μF cm −2 as a function of tempering time.
We interpret that the high capacitance measurements of as-quenched samples is the result of severe corrosion (Fig. 5) , serving to roughen the interface and increase the effective electroactive area. With tempering, the measured decrease in corrosion rates should correlate with lower surface roughening, and a relative drop in interfacial capacitance. Even though similar corrosion rates, between 3-4 mm/y are measured for HT10 and F22, the former alloy, a Ni-Cr-Mo martensite steel, still exhibits far higher capacitance. With reference to the V oc data (Fig. 6) and the EDX (Fig. 7) , we speculate, further, that the different dielectric properties of the interfacial corrosion product film on HT10 (for instance, the higher base Cr-content, the incorporation of substitutional nickel, the possible presence of vanadium and molybdenum oxides, and the abundant alloy carbides subsequent to tempering) might contribute to its comparatively higher interfacial capacitance. Finally, no clear trend is apparent from the EIS fitted parameters of R L and L, as a function of tempering. It may imply that the magnitude of the surface relaxation/adsorption responses are similar amongst the studied alloy candidates and are not too influential with respect to modifying corrosion intensity. Referring again to the V oc data (Fig. 6) , the as-quenched HT10 (blue markers) and F22 (black markers) always exhibit the most noble open circuit potentials, which become more negative with tempering for longer time and/or tempering at higher temperature. Using the principles of mixed potential theory (Evans diagrams) [66] , a more negative V oc transient that is associated with lower corrosion rates (Fig. 5) , signifies low or decreasing cathodic reaction kinetics. Indeed, HT10 polarisation curves in Fig. 3 , where diffusion-controlled cathodic corrosion kinetics decrease with tempering, might allow this interpretation to be extended here. Thus, having observed corrosion rates of tempered alloys in a similar range, we propose that the Cr-enriched films formed on HT10 and F22 over 30 h corrosion in CO 2 -sat. simulated oilfield brine in this study must be semi-protective at best and offer comparable anti-corrosion properties to each other (within a small range). At least, from the techniques used in the present study, it is difficult to isolate and distinguish their protective qualities. For instance, Fig. A2 in the Supplementary Materials shows how morphologies of the Cr-enriched corrosion product bearing surfaces of as-quenched/tempered HT10 appear indistinguishable. On the basis of the above discussion, we consider that the important corrosion resistive properties of HT10 and F22 are not predominantly related to the Cr-rich surface-filming, but rather determined by modifications that are inherent to the bulk metallurgy brought about by tempering.
Looking at the corrosion rate -immersion time data in Fig. 5 , we hypothesise that the higher structural heterogeneity within as-quenched microstructures causes them to be more reactive than the tempered variants [67] . The as-quenched alloys are rich in point and line crystalline lattice defects, particularly dislocations. Metal atoms adjacent to a dislocation core intersecting the exposed metal surface have higher free energy than atoms distant from it, which could suggest that emergent ends of edge/screw dislocations represent sites for preferential corrosion redox reactions [68] [69] [70] . A greater abundance of these would encourage iron dissolution, via direct oxidation or driven by reduction. In addition, some retained austenite in the as-quenched microstructures may contribute to corrosion in HT10 and F22 via Table 5 Extracted electrochemical equivalent circuit modelling parameters of EIS data measured from F22 and HT10 steels immersed in CO 2 -sat. brine (T = 60°C, pH = 5.4, t = 30 h). microscopic galvanic contributions at ferrite-austenite interfaces, therein promoting ferrite dissolution [71] . The higher, sustained corrosion of quench-hardened HT10 would be a mechanism by which the material relieves stored energy through the metal/electrolyte interface. In contrast, as a function of tempering temperature and time, (i) the lattice strain relief through a loss of tetragonality, (ii) the coarsening alloy carbide distribution, and (iii) the decreasing dislocation density must play the main role towards lowering CO 2 corrosion rates of tempered HT10 and F22. On reviewing the potentiodynamic polarisation curves in Fig. 3(b-c) , the overlapping anodic gradients imply that the anodic dissolution mechanism is not affected by the tempering-induced changes. The cathodic reaction curves overlap near E corr , before being limited by diffusion control at higher overpotential. A decrease of the HT10 cathodic curves is noted that correlates quite well with an increase in tempering time. Assessing I lim, c at -0.125 V, this value changes in the temper holding time order: 24 h < 10 h < 1 h < 0 h at both tempering temperatures of 600°C and 625°C (see Table 4 ). To explore the reasons behind these changes, we consider metallurgical changes to HT10 in further detail. Fig. 9 presents HT10 metallurgy data taken from Ref [35] for a tempering treatment at 600°C over 24 h. The average CO 2 corrosion rates, from our study, are included for comparison. More specifically, Fig. 9 plots changes to dislocation density from synchrotron X-ray diffraction (SXRD), Fig. 9(a) ); and Matcalc modelled alloy carbide precipitate evolution, Fig. 9(b) . Both are presented as a function of holding time at a tempering temperature of 600°C (see Ref. [35] for more details on the methodology of measurement/calculation). Focusing on Fig. 9(a) , the changes to the dislocation structure recovery generally correlate with an average decrease in CO 2 corrosion rates, as a function of tempering time. Results from SXRD indicate that dislocation density decreases by one order of magnitude, from˜2 × 10 15 m −2 (0 h) tõ 1.5 × 10 14 m −2 (at 24 h) over the entire tempering period [35] . Although not determined explicitly, the dislocation density is expected to be even lower if tempered at higher temperature (625°C), and may well contribute to the improved corrosion resistance. Longer tempering times at the highest temperatures would annihilate a greater dislocation density, previously inherited from quenching. We anticipate that such recovery would lower the net surface redox reactivity of HT10, as high corrosion rates are possibly obtained at sites where high concentrations of dislocations intersect the exposed electroactive surface [70] . With the support of polarisation data in Fig. 3 , we propose that a decrease in dislocation density contributes to decreasing the net cathodic current density supported at the HT10/CO 2 -sat. brine electrolyte interface. Fig. 9 (b) presents data outputs from MatCalc modelling work on alloy carbide evolution in water-quenched HT10 as a function of holding time at tempering temperature of 600°C, reproduced from Ref. [35] . The bar graphs depict the quantity (phase fraction (unitless) × number density (number/m 3 ), while the symbols represent the mean size, of the key alloy carbide precipitates ( α MC, γ MC and α M 2 C). Both types of α-type alloy carbides increase in size with tempering. This increase is quite pronounced beyond 10 h of tempering, corresponding to a loss of their coherency with the matrix [35] . On assessing the quantity of all alloy carbides, the number of precipitates remains consistent over 10 h, before decreasing by the 24 th hour of tempering. In other words, the longer tempering of HT10 produces a precipitate dispersion comprising a lower number density of larger alloy carbides. Conceivably, the total cathodic current response at the steel electrode/aqueous electrolyte interface is supported at many participating substrate-electrolyte interfaces hosting the reduction electrochemistry, such as dislocation core/electrolyte, deformed metal/electrolyte; metal oxide/electrolyte; and alloy carbide/electrolyte (e.g. (Mo,V,Cr) X C) interfaces. Focusing on the abundant transition metal carbides, i.e. MC and M 2 C types within the HT10 microstructure, where M = V,Mo,Cr, we highlight that these are widely acknowledged as efficient catalysts for the hydrogen evolution reaction in hydrolysis applications for hydrogen evolution [72, 73] . For instance, Fe-doped Mo 2 C nanomaterials exhibit high stability and catalytic activity towards cathodic hydrogen evolution compared against isolated Mo 2 C [74] . We propose here that the distribution of such D-d-block transition metal carbides embedded in the Fe-matrix in HT10 must, via galvanic action, contribute to the cathodic reaction electrochemistry [72, 73] , therein causing Fe dissolution [10] . If the net interfacial contact area between the carbides and the matrix were high, e.g. after 1 h temper when dispersed alloy carbides are smallest, coherent and most abundant [35] , the supported cathodic current density and, therefore, the net corrosion rate should be higher. Indeed, the electrochemical data of HT10 A1-600°C/1 h in Figs. 3(b-c) and 5(b-c) show this to be the case. We note brine electrolyte (T = 60°C, pH = 5.4, P total = 1 atm, P CO2 = 0.8 atm) are included for comparison. The data in this figure are published in Ref. [35] , and reproduced here with the permission of the authors.
that this must necessarily include the effect of the high dislocation density, as discussed earlier.
All steel working-electrodes in the electrochemical corrosion investigations were immersed and studied in the same CO 2 -sat. electrolyte chemistry with the same mode of mass-transfer (static, no stirring). Thus, neither the concentration/diffusion coefficient of the electroactive species nor the interfacial diffusion layer thicknesses, drastically change across the individual experiments. This has offered a good reproducibility of observation. Despite accounting for the geometric surface area in all corrosion current calculations, we have observed differences in the current-carrying capacity of the various heat-treated HT10 alloy samples in the cathodic reaction domains in the polarisation curves (Fig. 3) . With tempering, the alloy carbides coarsen and decrease in number density, resulting in a lower net interfacial area to bulk particle volume ratio. By remembering that the dislocation density also decreases with tempering, it is possible to speculate that the number of potential cathodic reaction sites (effective surface area) for a normalised surface area will also decrease. If this were to occur, the contribution to the total cathodic current density should also drop. In turn, lower cathodic reaction kinetics would decrease the general corrosion rate. Thus, with reference to Eq. (5), as n, F, D, C b and δ are not changed, we conclude it is the effective or true electroactive surface area (cm −2 ) on the geometrically-normalised alloy surfaces that must support the limiting cathodic current to varying extent as a function of tempering. Fig. 10 presents a schematic of the discussed microstructural changes, on the nanoscale, and their effect on measured material corrosion rates (dashed line).
To support this hypothesis further, the corrosion rate differences between HT10 A1-WQ and HT10 A2-WQ over 30 h in CO 2 -sat. brine (Fig. 5(b-c) ) are evaluated. As indicated earlier, and in Refs. [34, 35] , a dispersion of larger spherical γ MC precipitates remains in the asquenched HT10 microstructure after austenitisation at 850°C. While the prior austenite grain size and dislocation densities in the two asquenched HT10 conditions are similar, A2-WQ comprises a lower number density of larger spherical γ MC precipitates compared to A1-WQ. From the hypothesis that these precipitates are cathodically electroactive sites, the corrosion kinetics in A2-WQ (lower effective surface area contribution of the γ MC precipitates) would be slightly lower due to a lower net galvanic interaction between matrix Fe and the γ MC precipitates. As this is found to be the case over the 30 h immersion, it would suggest that such a lower number density dispersion of large spherical γ MC marginally improves corrosion resistance. We thus extend such logic to the changing dispersion of the finer α MC and α M 2 C precipitates that result from the tempering heat-treatment of HT10. In conclusion, tempering at higher temperature has the most significant effect on the metallurgical processes of coarsening carbides and decreasing dislocation density, and therefore favours lower net interfacial redox activity (lower uniform corrosion).
Conclusions
The corrosion resistances of a variety of austenitised, quench and temper heat treatments of a newly developed, secondary-hardening martensitic steel (HT10) and a commercial grade steel (ASTM A182 F22) were determined in a CO 2 -sat. brine (T = 60°C, pH = 5.4, P total = 1 atm, P CO2 = 0.8 atm) using electrochemical methods. Tempered HT10 and F22 were measured to corrode at comparable rates, in the range of 3-4 mm/y. The modification of austenitising time, tempering temperature and holding time results in a change in precipitated alloy carbide number density and size, as well as dislocation density, which in turn changes the material hardness and corrosion rate. While as-quenched HT10 and F22 present the highest uniform corrosion rates, largely due to the high lattice strains/dislocation densities developed after rapid cooling from austenite, the tempering treatment brings about an improvement in corrosion resistance and a decrease in hardness. Allowing for a comparable role played by a Crenriched semi-protective corrosion product overlayer in both alloys, we conclude that the improvement in corrosion resistance with tempering is largely a function of (i) the annihilation of dislocation density, and (ii) the coarsening of the alloy carbide precipitates (associated with a relief in lattice strains and a lower net contribution to the cathodic reaction current density). Noting the correlation between hardness and corrosion rate measurements, the metallurgical tempering phenomena kinetics are deemed to be greater at the higher tempering temperatures. The combination of high temperature tempering and long holding time would thus produce a softer but tougher alloy with improved resistance against uniform CO 2 corrosion under the explored experimental conditions. 
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